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Introduction
GaN y As 1Ày alloy semiconductors are of technological importance for optoelectronic devices. Recently, there has been considerable interest in using the dilute nitrides as the active materials in semiconductor lasers grown on GaAs substrates. The incorporation of very small amounts of nitrogen into GaAs leads to a dramatic decrease in the bandgap energy and has enabled the growth of GaAs-based laser diodes functioning in the 1.3-1.55 mm range [1, 2] . From a purely scientific standpoint, the growth of epitaxial GaN y As 1Ày films on GaAs substrates presents a unique opportunity for studying growth mechanisms and strain relaxation in a highly-mismatched system. The thermodynamic properties of this system have been studied previously, illustrating the wide miscibility gap of the GaN y As 1Ày alloy due to the large difference in the sizes of N and As atoms [3] . In order to avoid phase separation and increase the N incorporation, low growth temperatures are used, which pushes the growth process further out of equilibrium.
Although the large miscibility gap and low growth temperature affect the quality of GaN y As 1Ày epitaxial films, the strain relaxation in the GaN y As 1Ày films on GaAs substrates plays an important role in controlling the GaN y As 1Ày film quality as well. In the growth of latticemismatched semiconductor materials, the most extensively studied strain relaxation mechanism is plastic flow-the development of misfit dislocations along the substrate film interface and the formation of microtwins [4] [5] [6] . Alternatively, a purely elastic strain relaxation mechanism has been demonstrated, both theoretically and experimentally-the strain energy stored in the film can be relaxed by creating surface instabilities [7] [8] [9] [10] . A third strain relief mechanism in tensile strained layers is cracking [11, 12] . The occurrence of any strain relaxation during the epitaxial growth deteriorates the quality of the films making them unsuitable for device applications.
In this work, we describe the effect of strain on the structural properties of GaN y As 1Ày /GaAs alloys and investigate the strain relaxation mechanisms in this material system. We present the results of transmission electron microscopy (TEM), atomic force microscopy (AFM) and high-resolution X-ray diffraction (HRXRD) investigations of a series of 200 nm thick GaN y As 1Ày films with various N concentrations (i.e. various misfit strain) grown on (1 0 0) GaAs substrates by molecular beam epitaxy (MBE) at 460 1C.
Experimental procedures
The GaN y As 1Ày samples studied in this work were prepared in a single growth run, where a graded nitrogen composition was obtained by deliberately not using substrate rotation during growth, in order to exploit the natural geometric flux gradients of the MBE system. The nominally 200 nm thick GaN y As 1Ày epilayer was grown on a GaAs (1 0 0) substrate in a custom VG Semicon V90 MBE system. Gallium was provided by a thermal effusion cell, a valved cracker cell was used for As 2 and active nitrogen was provided by an Applied-Epi Unibulb RF plasma cell using dynamic gas switching. Before growth, the native surface oxide was removed by heating the substrate to 630 1C under an arsenic flux, and a 200 nm thick GaAs buffer layer was then grown at 600 1C. The wafer rotation was then stopped and the substrate temperature was lowered to 460 1C for the growth of the GaN y As 1Ày epilayer. The ternary layer was grown at a rate of 1 ML/s, measured at the wafer center, and the As 2 flux was maintained at 1.1 times the flux required for stoichiometric GaAs growth at this rate. The fixed active nitrogen flux at the center of the wafer was selected to provide a number of samples spanning a wide composition range. The wafer was then cleaved along the direction of the nitrogen composition gradient into a set of 5 mm Â 10 mm samples and the compositions were estimated by HRXRD. The MBE system is configured so that the Ga flux, and hence growth rate, is approximately constant along the direction of nitrogen gradient. The HRXRD measurements were carried out in a Philips MRD system using Cu Ka 1 radiation and using a channel-cut Ge(2 2 0) monochromator. The experimental data near the GaAs(4 0 0) reflection were analyzed using dynamical diffraction fitting. X-ray reciprocal space mapping was performed using the (422 ) reflection in a glancing exit geometry with a 0.11 detector acceptance angle. Four pieces of wafer with composition Ga-N 0.025 As 0.975 , GaN 0.038 As 0.962 , GaN 0.052 As 0.948 and GaN 0.065 As 0.935 were used for this study. /011S cross-section samples were prepared for TEM following standard procedures and examined in a Philips EM 430 operating at 250 kV and a JEOL JEM 2100F operating at 200 kV. The [0 1 1] and ½011 directions of (1 0 0) GaAs wafers are given by wafer manufacturer in the wafer specifications. The AFM studies were performed in air using a Digital Instruments Nanoscope III system. Fig. 1a is an X-ray reciprocal space map about the ½422 reflection for a GaN 0.025 As 0.975 sample. The lower peak is the 422 reflection from the GaAs substrate while the upper peak is the corresponding diffraction peak from the Ga-N 0.025 As 0.9752 epilayer. Both peaks lie on the same vertical line, which indicates that the 200 nm thick GaN 0.025 As 0.975 film has retained most of its strain, with its lattice constant in the growth plane closely matching that of the underlying (1 0 0) GaAs substrate. The epilayer peak is broadened and elongated, however, indicating that the film is not a perfect single crystal but is made of crystallites with a finite correlation length (') parallel to the surface plane and microscopic tilt (d) perpendicular to the radial direction. The correlation length and tilt are related to the parallel and radial component of the elliptically-shaped Bragg peak (see inset, Fig. 1a ) [13] . For this particular film, the long-axis of the ellipse is essentially normal to the radial direction, which indicates a long lateral correlation length. Given the finite diffractometer angular resolution, we can only estimate 'X0:8 mm. From the half width of the ellipse, we estimate dX0:061. Fig. 1b is a bright field ½011 cross-sectional TEM image of the same sample showing the good crystallinity and an absence of dislocations or other defects in the epitaxial film. No microscopic tilt is apparent in the TEM image due to its limited view area.
Observations
The surface morphology of three higher N concentration samples GaN 0.038 As 0.962 , Ga-N 0.052 As 0.948 and GaN 0.065 As 0.935 was studied by AFM. Fig. 2 shows the surface morphology changes with the change in N concentration. For the GaN 0.038 As 0.962 sample, the surface roughness is anisotropic between the two /011S directions: the roughness is running predominately along [0 1 1] direction (Fig. 2a) . As the N concentration increases, the film surface becomes much rougher, and the anisotropy of the surface morphology between two /011S directions decreases (Fig.  2b ). In the highest N concentration Ga-N 0.065 As 0.935 film, the surface morphology is isotropic between the two /011S directions and 3-D island growth was observed (Fig. 2c) . Similar observations of the surface morphology change with the change in N concentration have been reported in GaAsN films on (0 0 1) GaAs by metalorganic molecular beam epitaxy [14, 15] . The anisotropic behavior of the surface morphology between two /011S directions has also been observed in InGaAsP films grown on (1 0 0) InP substrates by molecular beam epitaxy [16] .
Further structural studies of the three higher N concentration samples were obtained by crosssectional TEM. Fig. 3a is a bright field ½011 crosssectional TEM image of the GaN 0.038 As 0.962 sample exhibiting two distinct regions in the film. The first 100 nm of the film is a perfect, defect-free epitaxial layer. Further deposition leads to the formation of cusps in the growing surface and a breakdown of coherent epitaxy. The ½422 reflection X-ray reciprocal space mapping reveals the strain relaxation in the film (Fig. 3b) . The GaNAs epilayer peak does not lie on the same vertical line with the GaAs substrate peak, but is shifted towards the bulk alloy lattice constant. From the orientation and half width of the ellipse we estimate 'X75 nm and dX0:261. This correlation length is consistent with the lateral size of the cusped columnar structure of Fig. 3a . The reciprocal space map in Fig. 3b is unusual in that the inclination of the GaNAs ellipse is larger than the normal to the ½422 reciprocal vector. This can be explained by the presence of crystallites with a distribution of lattice constants in the growth direction. It is possible that the lateral size of the columns seen in Fig. 3a influence the lattice strain in the growth direction. The ½011 cross-section TEM image shows that the surface of the GaN 0.052 As 0.948 film becomes much rougher (Fig. 4a ) compared with lower N concentration film GaN 0.038 As 0.962 (Fig. 3a) . Fig.  4a also indicates a high defect density in the film with cusp formation beginning after the first 25 nm of epitaxial growth. The columnar structure along the /111S direction is visible in the film. Stacking faults and microtwins (planar defects) are also visible in the film. The highest N concentration GaN 0.065 As 0.935 film also has many defects as shown in Fig. 4b . For this film, no region is free of defects. The columnar structure is more obvious, and the planar defect density is much higher.
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Detailed analysis of the column structure and planar defects were performed by high-resolution TEM (HRTEM) and selected area electron diffraction (SAED). An HRTEM image of the GaN 0.065 As 0.935 film shows the column structures with clear boundaries between columns running along /111S direction (Fig. 5a ). Another HRTEM image of the GaN 0.065 As 0.935 film shows that planar defects were formed in both (1 1 1) and ð111Þ planes (Fig. 5b) . Note that the intersection of (1 1 1 intersection of ð111Þ plane and ð011Þ plane is ½211, so the planar defects in the (1 1 1) and ð111Þ planes are running along /211S directions in the ½011 cross-section TEM image. Fig. 5c is the SAED pattern from the area shown in Fig. 5a with the electron beam along ½011 direction, i.e. the specimen is tilted to ½011 zone axis. The welldefined zinc-blende spots are indicative of the presence of epitaxially grown films. However, the well-defined zinc-blende spots split (some split spots are indicated by white circles in Fig. 5c as examples), which implies that the columns are slightly tilted with reference to each other. Fig. 5d is the SAED pattern from the area shown in Fig.  5b with the electron beam along ½011 direction. Again, the SAED pattern shows strong ½011 zone axis diffraction spots from the epitaxial GaNAs layer. The extra weak diffraction spots along [1 1 1] direction and lines of diffuse diffracted intensity along ½111 direction indicate the presence of planar defects in (1 1 1) and ð111Þ planes [15, 17] .
The core structures (lower ends) of the planar defects were studied by HRTEM as well. Fig. 6a is a HRTEM image of the core structure of a planar defect. This planar defect is associated with a single partial dislocation in the lower end. The fast Fourier transform (FFT) image of Fig. 6a is shown in Fig. 6b and c is the inverse fast Fourier transform (IFFT) image formed using {1 1 1} and {2 0 0} reflections from the FFT image. According to the right-hand/start-finish convention, a Burgers circuit constructed around the lower end of the planar defect is also shown in Fig. 6c . The Burgers vector is determined to be (a/6)½211. Since (a/6)½211 is perpendicular to the dislocation line direction ½011, the (a/6)½211 dislocation is a 901 Shockley partial dislocation, bounded by a stacking fault lying on the (1 1 1) plane. This observation confirms that the 901 Shockley partial dislocation is the leading partial dislocation in a tensile strained epitaxial films, in agreement with earlier studies of tensile strained films [6, 18, 19] . The stacking fault is formed according to the following reaction in (1 1 1) plane: where (a/2) ½101 is a 601 perfect dislocation, (a/ 6)½211 is a 901 leading partial dislocation, (a/ 6)½112 is a 301 trailing partial dislocation, (note that the line direction of both perfect and partial dislocations is ½011), and S.F. is an intrinsic stacking fault.
Discussion
In order to discuss the observed structure changes in relation to the strain relaxation in the films, some of the relevant properties of the cubic zinc blende structure GaN y As 1Ày compounds are summarized in Table 1 . The properties of four GaN y As 1Ày films have been estimated from the data for GaAs and GaN, assuming Vegard's law. Vegard's law for any quantity, Q is given by
The lattice misfit (f) of a GaN 
where a GaAs and a GaN y As 1Ày are the lattice constants of GaAs and GaN y As 1Ày , respectively. Since the lattice constant of the GaN y As 1Ày film is less than that of GaAs, the film is under tension, and the four films in this study have misfit strain of 0.51%, 0.78%, 1.07% and 1.34% respectively according to Eq. (2). The thermal mismatch strain on cooling from the growth temperature to room temperature (2.27À5.97 Â 10 À5 ), is very much smaller than the growth strain (0.51-1.34 Â 10 À2 ), so this effect can be safely ignored.
The Matthews and Blakeslee critical thickness (h c ) for the formation of misfit dislocation for a single epitaxial layer is given by [5] 
where b is the Burgers vector, n is Poisson's ratio, b is the angle between the dislocation line and its Burgers vector and j is the angle between the slip direction and that direction in the film which is perpendicular to the line of intersection of the slip plane and the interface (or free surface). In the cubic zinc blende structure, the usual slip systems are (a/2)/011S-{1 1 1}. Table 1 ), the critical thickness for the formation of a 601 dislocation is 218 Å obtained using Eq. (3) . However, experiment observation shows that the film grows coherently to a thickness of 200 nm (Fig. 1a and b) that is well beyond this critical thickness.
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It is very important to note that in their model Matthews and Blakeslee assumed the source of the misfit dislocation was the pre-existing dislocation in the substrates. If dislocations are present in the substrate on which the film is growing, they grow naturally into the epitaxial film and reach the free surface of the film. These are usually referred to as ''threading'' dislocations. The biaxial stresses due to the lattice mismatch provide a driving force on some threading dislocations and cause them to move in its slip plane. Beyond the critical thickness h c , the propagation of threading dislocations in the film leaves behind the misfit dislocation lines along the interface, causing overall relaxation of elastic strain in the film. Matthews and Blakeslee's model can adequately explain the formation of the misfit dislocation at the substrate-heteroepitaxial film interface when a film is grown on a dis located substrate. However, the quality of semiconductor wafers has improved significantly since their 1974 work and most semiconductor substrates used nowadays are free of dislocations or with very low dislocation densities. When epitaxial films are grown on macroscopically dislocation-free substrates, threading dislocations are not available to produce the misfit dislocation. Obviously, in the absence of significant dislocations pre-existing in the substrate, there must be a dislocation nucleation stage during the film growth, which is still not clearly understood. Most studies agree that the nucleation of half-loops of faulted and perfect dislocations (assisted by thermal fluctuation) at the free surface of the growing film is a most probable phenomenon [6, [18] [19] [20] , and nucleation of a 901 partial dislocation with a stacking fault is easier than that of 601 perfect dislocation in 2% tensile strained layers [6] . If the surface of the growing film is flat the change in energy on the introduction of a dislocation half-loop of radius r in a strained layer is given by
where m is the shear modulus, a is a parameter that related to the dimensions of the dislocation core, g s is the surface energy, y is the angle between the dislocation Burgers vector and the line of intersection of the slip plane and the free surface, g S:F : is the stacking fault energy, and t is the shear stress on the plane of the dislocation loop. t is related to the biaxial tensile stress s by the Schmid factor t ¼ s cos f cos l, where f is the angle between s and the slip plane normal, and l is the angle between s and the slip direction. The biaxial stress in the film (s) is given by 2mð1 þ nÞf =ð1 À nÞ, where f is the misfit. The first term on the right-hand side of Eq. (4) is the self-energy of a dislocation half-loop, taking into account the effects of the free surface, while the fourth term is the strain energy released by the loop, i.e. the work done by the shear stress (t). The second and third terms represent the energies associated with the formation (annihilation) of surface steps, and the formation (annihilation) of a stacking fault. In the analysis that follows a surface step is assumed to be annihilated, so the negative sign is used in this case for the second term. The third term does not apply when a perfect (601) dislocation is nucleated, while it gives a positive contribution if a partial dislocation is formed. Fig. 7 is a plot of DE vs. r for a 901 partial dislocation nucleation in the GaN 0.065 As 0.935 film with 1.34% misfit strain for a flat surface. Also included in the plot is DE vs. r for a cusped surface discussed later. DE initially increases with increasing r, reaches a maximum value of DE c (the activation energy for nucleation) at a critical radius r c , and then decreases as r increases beyond r c . Table 2 summarizes the values of r c and DE c for the four films in this study for both 601 and 901 dislocations assuming b 601 ¼ (a/2)½101, b 901 ¼ (a/ 6)½211, and both dislocations are in (1 1 1) plane. The value a ¼ 4 is used for the calculation [21] .A plot of activation energy (DE c ) for the dislocation nucleation vs. misfit (f) (i.e. N concentration) is shown in Fig. 8 . The activation energy decreases dramatically with increasing misfit. For a film with misfit f o0:6%, a 601 dislocation should be formed first, while a 901 dislocation should be formed first in a film with misfit f 40:6%. However, the most important conclusion from this calculation is that even for the most highly-strained film (f ¼ 1:34%), the activation energy for the dislocation is well above the available free energy of 50 kT from thermal fluctuations [22] , which at growth temperature of 460 1C is only 3.16 eV. The activation energy is too high for a homogeneous nucleation process to occur at a flat surface, which could explain the perfect epitaxial growth of the film well beyond the Matthews and Blakeslee's critical thickness for the Ga-N 0.025 As 0.972 film (Fig. 1) .
We noted that cusps were formed before any plastic relaxation occurs in the films. The cusps were formed to relieve part of the misfit strain through the ''so-called'' elastic strain relaxation mechanism [7] [8] [9] [10] . For the cusped surface, the stress concentration occurs at the nearly-cusped groove valley and can magnify the stress by a factor of 2-3 [9] . The activation energy for the formation of 901 partial dislocation with a stacking fault in GaN 0.065 As 0.935 film is reduced to 2.96 eV from 32 eV if we assume the stress is 2:6s ¼ 2:6 Â 2mð1 þ nÞf =ð1 À nÞ for the fourth term in the Eq. (4) (Fig. 5 ). This activation energy is lower than the available thermal free energy 3.16 eV. Thus, for the cusped film, thermal fluctuations could provide sufficient energy to nucleate a 901 dislocation half-loop. After the first 901 leading partial dislocation bounded by a stacking fault is formed on the {1 1 1} glide plane, a second 901 leading partial dislocation half-loop may be nucleated on neighboring {1 1 1} planes and expand to relax the misfit strain. In this way, stacking faults form sequentially on parallel {1 1 1} planes and produce a microtwin band. The nucleation of 901 partial dislocations on neighboring planes will stop when the stress falls below the critical value needed for nucleation. The structures observed in this study show some low-temperature MBE growth features such as surface roughening, the formation of planar defects, columnar structure, and amorphous phases. In low-temperature MBE homoepitaxial growth of Si, Ge and GaAs films [23] , four distinct stages were observed with the increasing film thickness: (i) perfect, defect-free epitaxial layer, (ii) cusps formation, (iii) stacking faults and microtwins formation and (iv) amorphous phases formation. The mechanisms for the formation of these similar structures are different. In the heteroepitaxial strained layers, the driving force for the formation of the rough growing surface is lattice misfit strain between the film and the substrate, while it is the Ehrlich-Schwoebel diffusion barrier that drives the film to the non-flat surface (kinetic surface roughening) in the lowtemperature homoepitaxial films. In order to relieve the misfit strain in the heteroepitaxial layer, the nucleation of a 901 partial dislocation with a stacking fault occurred, and the successive nucleation and glide of 901 partial dislocation on (1 1 1) planes form the twins (so-called deformation twins/stacking faults), while planar defects in low-temperature films are growth twins/stacking faults, and they are formed due to the errors in the sequence of the adatoms arriving on the surface. In the MBE growth of InN y As 1Ày films on GaAs substrate, the relatively low temperature (460 1C) is used to avoid the phase separation and increase the N incorporation. We believe this relatively low growth temperature (460 1C) plays a role in the formation of the observed structures in these films.
The formation of the column structure is thought to be the results of evolution of the film growth surface. The cusps are first formed in order to relieve the misfit strain in the heteroepitaxial GaNAs films. When the film is getting thicker, the surface becomes rougher, and islands are formed. As growth continues, boundaries between the islands are formed, and become deeper and wider. It is not clear at this stage why the columns are aligned approximately along /111S direction ( Fig. 5a and b) . After the cusps are formed, the 901 partial dislocation half-loop nucleates at the surface sites with the stress concentration due to the presence of cusps as discussed earlier. Normally, the 901 partial dislocations glide on {1 1 1} slip plane after the nucleation and terminate at the thin film-substrate interface in order to effectively relieve the misfit strain in the film. In this study, however, most planar defects are terminated in the middle of the films. This is because the planar defects are confined by the column boundaries. The glide of the 901 leading partial dislocations is stopped by the column boundary, not the filmsubstrate interface. Fig. 5a clearly demonstrates that the lower ends of the planar defects are terminated in the column boundaries, which results in the termination of the planar defects in the middle of the films.
The anisotropic behavior of the surface morphology between two /011S directions has been reported in GaAsN films on (0 0 1) GaAs by metalorganic molecular beam epitaxy [14, 15] , and in InGaAsP films on (1 0 0) InP substrates by molecular beam epitaxy [16] . The anisotropy surface undulation observed in III-V epitaxial layers is believed to be related to surface reconstruction. It is well known that (1 0 0) surfaces of III-V semiconductors are usually reconstructed, e.g. the (2 Â 4) reconstruction, so that the directions that were crystallographically equivalent before reconstruction are no longer so after reconstruction. A (Ga)-and B (As)-type steps running along [0 1 1] and ½011 directions on a vicinal (1 0 0) reconstructed surface have different characteristics, leading to anisotropic surface diffusivity [24, 25] . The diffusion coefficient along ½011 direction is four times larger than that of [0 1 1] direction. These factors are believed to contribute also to the anisotropy of surface undulations between two /011S directions and explain the roughness is running predominately along [0 1 1] direction. The reason why this anisotropy eventually disappears with the increase in the strain of the film might be related to another surface reconstruction that comes into play at higher strains. Also for more highly-strained films, strain relaxation occurred at the early stage of the film growth, and the film growth continued on the defect surface with cusps and twins, which could contribute to the gradually disappearance of the anisotropy of the surface morphology in higher strained films.
Conclusions
We have presented a study of the strain relaxation mechanisms occurring in tensilestrained GaN y As 1Ày films grown in GaAs(1 0 0) for several nitrogen compositions, y. The lowestcomposition, GaN 0.025 As 0.975 film was epitaxial grown well beyond the Matthews and Blakeslee's critical thickness without misfit dislocations. This phenomenon can be explained by the high activation energy for a homogeneous dislocation nucleation at a flat surface. In films with higher N content (y40:04) relaxation of the misfit strain proceeds through morphological changes involving formation of surface cusps, followed by stacking faults and twins. The surface nucleation of 901 partial dislocations in the presence of surface cusps was shown to be feasible at the growth temperature due to the stress concentration. The structures observed in the GaN y As 1Ày films were similar to those observed in lowtemperature MBE growth of other materials, and were formed in this case because of the strain relaxation in the films. The surface roughness is anisotropic between the two /011S directions in the GaN 0.038 As 0.962 film. This anisotropy of the surface morphology decreases with the increase in N concentration in the films, and disappears in the GaN 0.065 As 0.935 film.
